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Creep results of a dispersion-strengthened nominal-composition Cu-2.5 vol.%Ti-2.5 vol.%Al alloy, and the
adjustment of those results to existing creep models, are presented. The alloy was prepared by reac-
tion milling; its microstructural characterization by transmission electron microscopy had been recently
reported elsewhere. Creep tests were here performed at 773, 973 and 1123 K, under loads that produced
steady-state creep rates between 9 × 10−7 and 2 × 10−4 s−1. Two deformation models, available in the lit-
reep behavior
opper alloys
ispersion-strengthening
eaction milling
echanical alloying

erature, were considered: dislocation creep, where the strain rate is controlled by the dislocation-particle
interaction within the grains, and diffusional creep, controlled by the interaction between grain-boundary
dislocations and particles. In all creep experiments the alloy exhibited high values of the apparent stress
exponent, as typical for dispersion-strengthened alloys. Through model adjustment, the operating creep
mechanisms where determined: at 773 and 1123 K, creep is controlled by dislocation/particle interactions
taking place in the matrix and in grain boundaries, respectively, while at the intermediate temperature of
973 K, controlling dislocation-particle interactions would occur both in the matrix and in grain boundaries.
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. Introduction

Alloys exhibiting high mechanical strength together with high
lectrical and thermal conductivity at elevated temperatures are in
ncreasing demand [1]. Due to its high electrical/thermal conduc-
ivity, copper is a most promising metal for all of these applications.

oreover, copper has the advantage of a low elastic modulus,
hich minimizes thermal stresses in actively cooled structures

2]. However, its strength must be increased in order to meet
esign requirements for high-temperature applications [3]. The
igh-temperature mechanical strength of metallic alloys can be

ncreased by adding a small fraction (e.g., between 2 and 5 vol.%) of
eramic dispersoids. In contrast to solid-solution strengthening, the
ddition of elements to form insoluble particles has little effect on
he electrical conductivity. To be most effective, these dispersoids

ust be thermodynamically stable, homogeneously distributed in
he metal matrix and of nanometric size [1]. Reaction milling is

modern manufacturing process which uses mechanical alloying

or the in-situ development of nanometric dispersoids in a metal
atrix [4]. In reaction milling, elemental powders are milled under
controlled atmosphere and in a suitable milling medium so that

∗ Corresponding author. Tel.: +56 2 978 42 22; fax: +56 2 699 41 19.
E-mail address: roespino@ing.uchile.cl (R.G. Espinoza).

e
a
s
a
s
5

e

ne of the metals reacts with C, N, or O in order to form carbides,
itrides or oxides, respectively. Thus, dispersion-strengthened cop-
er with improved mechanical behavior at high temperature [5,6]
an be obtained.

On the other hand, upon adding ceramic dispersoids, the high-
emperature strength of the material is mainly controlled by two
eformation mechanisms: dislocation creep, where the strain rate

s controlled by the dislocation-particle interaction within the
rains [7], and diffusional creep, controlled by the interaction
etween grain-boundary dislocations and particles [8].

In a preceding paper [9], we described the processing and
icrostructural characterization of two dispersion-strengthened

lloys of nominal-composition Cu-2.5 vol%TiC-2.5 vol% Al2O3,
btained by reaction milling and followed by extrusion. It was
hown that one of the developed alloys, referred to as the H-20
lloy, presented a stable microstructure with Ti–Al–Fe nanodisper-
oids embedded in the Cu matrix. As demonstrated by transmission
lectron microscopy (TEM), at high temperature these dispersoids
ct as effective pinning sites for dislocations, thus controlling
lip and grain growth. Regarding electrical conductivity, in the

s-consolidated condition, at room temperature, such alloy pre-
ented an International Annealed Copper Standard (IACS) value of
9%.

This paper extends that earlier work to include additional
xperimental results and adjustment of models. First, results of

http://www.sciencedirect.com/science/journal/09215093
mailto:roespino@ing.uchile.cl
dx.doi.org/10.1016/j.msea.2008.08.031
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he creep behavior of a dispersion-strengthened Cu-2.5 vol%TiC-
.5 vol.%Al2O3 alloy prepared by reaction milling and extrusion
H20 alloy) are presented. Creep tests were performed at 773, 973
nd 1123 K, under loads that produced steady-state creep rates
etween ∼9 × 10−7 and ∼2 × 10−4 s−1. These experimental results,
aking into account the previously reported TEM microstructural
haracterization [9], are then analyzed within the framework of
xisting creep models [7,8], and the operating creep mechanisms
re determined.

. Antecedents of creep models based on
article-dislocation attraction

The creep behavior of polycrystalline dispersion-free alloys is
roperly expressed by the well-known Norton power law:

˙ = f (T)�n (1)

here f(T) = exp(−Q/kBT); ε̇ is the strain rate; T is the temperature; �
s the strain; kB is the Boltzmann constant; and n and Q are material
onstants. Thus, n is the stress exponent, stating the sensitivity of
he strain rate, and Q is the pertinent creep activation energy.

Moreover, having in mind the same equation, the behavior of
ispersion-strengthened (DS) materials is characterized by high
alues of the apparent stress exponent (n = nap) and apparent creep
ctivation energy (Qap) [10], as opposed to dispersoid-free materi-
ls. Rösler and Arzt proposed a creep model for DS alloys (RA model)
hich is based on an attractive particle-dislocation interaction [7].

n this model, the creep-rate controlling process is the thermally-
ctivated detachment of dislocations from the departure side of the
articles contained within grains, and is given by:

˙ = ε̇0exp

(
−Gb2r

kBT

[
(1 − k)

(
1 − �

�d

)]3/2
)

with ε̇0 = 6DvL�

b
(2)

In Eq. (2), Dv is the bulk diffusion coefficient; L is the interparticle
pacing; � is the dislocation density; b is the Burgers vector; G is
he temperature-dependent shear modulus; and r is the particle
dispersoid or precipitate) radius. Additionally, the parameter k is
he relaxation factor of the dislocation-line energy at the particle
nterface; and �d is the detachment stress, which represents the
ttraction between dislocations and particles through the equation:

d = �Or

√
1 − k2 (3)

here �Or is the Orowan stress. If the interface is coherent, then the
islocation is not attracted by the particle, and k = 1 as �d is zero.
n the other hand, if the interface is semicoherent or incoherent,
< 1 as a non-zero �d stress needs to be applied to separate the
islocation from the particle.

The Orowan stress can be calculated as [8]:

Or = 0.84
M

2�
√

1 − �

Gb

dp

√
6fv
�

ln

(
dp

2b

)
(4)

here M is the Taylor factor, � is the Poisson coefficient, fv is the
otal volume fraction of dispersoids and dp is the average particle
iameter (dp = 2r).

The RA model allows the calculation of the relaxation factor,

, and the detachment stress, �d, both related through Eq. (2), as
ollows [7].

= 1 −
(

2kBT

3Gb2r

nap

(1 − (�/�d))1/2(�/�d)

)
(5)

s
d

w
t

�

�d
=
(

3(Qap − Qv)
2RTnap(1 − (∂G/∂T)(T/G))

+ 1

)−1

(6)

here Qv is the activation energy for the vacancy movement in the
atrix.
The above RA model has been successful in explaining the stress

xponents observed in creep tests carried out at medium tem-
eratures for DS alloys [7]. Nevertheless, in DS materials having
ltra-fine grain sizes tested at elevated temperatures, the creep
train rate may be controlled by diffusional creep, and the RA model
s unable to explain the high stress exponents observed in those
ases. In this way, Rösler, Joos and Arzt (RJA) [8], motivated by exper-
mental observations on creep in oxide dispersion-strengthened
ODS) Al alloys, proposed an alternative model (RJA model) for the
ase when the mechanism controlling the creep rate is the detach-
ent of grain-boundary dislocations from precipitates situated at

hose grain boundaries.
Assuming that the dislocation bypass process is, as it is within

he grains, controlled by thermally-activated dislocation detach-
ent, a rate equation was derived, ε̇Dif [8]:

˙ Dif = ε̇0,Difexp

(
−

Gb2
gbr

kBT

[
(1 − k)

(
1 − �

�d

)]3/2
)

,

ith ε̇0,Dif = 4DgbL�gb

dgbgb
(7)

here Dgb is the self-diffusion coefficient at the grain boundaries,
gb is the dislocation density at the grain boundaries, bgb is the
urgers vector of a grain-boundary dislocation, typically estimated
s 0.5 to 0.3b [11], and dg is the matrix grain size.

In a creep study of ultrafine-grained ODS copper prepared by
ryomilling, Kudashov et al. [12] proposed the use of an effec-
ive diffusion coefficient, Deff, in Eq. (7), instead of the standard
rain-boundary diffusion coefficient Dgb. So, Deff incorporates the
imultaneous effect of volume diffusion (Dv) and pipe diffusion (Dc)
n the dislocation movement:

eff = Dv + t�Dgb

dgb
+ �gbDc (8)

here t is the grain-boundary thickness.

. Experimental procedure

A nominal-composition Cu-2.5vol.%TiC-2.5vol.%Al2O3 alloy was
roduced by reaction milling, from elemental powders of the per-
inent metallic elements (Cu, Ti and Al). Spheroidal powders of
tomized Cu (90 wt. % under 45 �m), Ti (<45 �m) and Al (80 wt.%
nder 45 �m) were employed. The milling process was carried out

n a Szegvari-type attritor, with a ball to powder weight ratio (BPR)
f 10:1 and a rotational speed of 500 rpm, according to a two-step
rocedure. The first step consisted in milling Cu and Al powders
or 1 h under a nitrogen atmosphere using hexane (C6H14) as the

illing medium, followed by powder drying, and addition of Ti ele-
ental powders. In the second step, this mixture was milled for 20 h

nder a nitrogen atmosphere using hexane as the milling medium.
he O and C necessary for the in situ formation of nanodispersoids
as provided by the reduction of superficial copper oxides and the

iquid hexane medium, respectively. The resulting aggregates were
ncapsulated at low vacuum and then consolidated by hot extru-

ion at 1023 K, using an extrusion ratio of 10:1. Other processing
etails are described elsewhere [9].

Cylindrical specimens 6.5 mm in diameter and 9.8 mm in length
ere machined from as-extruded bars, with the axis parallel to

he extrusion direction. Room-temperature compression tests were
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Table 1
Microstructural and mechanical behavior parameters of H20 extruded alloy

Initial grain size, dgi
a [9] 140 nm

Final grain size, dgf
b [9] 156 nm

Initial dispersoid diameter, dpi
a [9] 6.1 nm

Dispersoid diameter, dpf
b [9] 6.8 nm

Dispersoids volume fraction (calculated), f0 0.0490
Dispersoids volume fraction (measured), fm 0.0265
Interparticle spacing (calculated from Eq. (8) using dpi), L 27 nm
Interparticle spacing (calculated from Eq. (8) using dpf), L 31 nm

Orowan stress, �Or

from Rösler equation 498 MPa
from Besterci equation 278 MPa

Room-temperature yield strength, �Y (measured) 745 MPa
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arried out to determine yield strength values, data which were
ubsequently used to estimate the �Or values. Constant-stress com-
ression creep tests were performed in a TT-DM Instron machine,
quipped with a high-temperature compression facility apparatus
esigned and built in house. The test temperature was monitored
y a thermocouple located at the lower plate of the compression
tage near the specimen. The load was monitored by the load cell of
he Instron machine, while the displacement was measured with
DFG5 Solartron extensometer, attached to the external machine

inkage. Both data were acquired using a PCL711B Advantech board,
nd logged as a function of time onto a desktop computer. Finally,
computer software permitted the control of the applied stress on

he sample. Tests were performed at 773, 973 and 1123 K, under
oads that produced steady-state creep rates between ∼9 × 10−7

nd ∼2 × 10−4 s−1. The temperature during the creep tests was sta-
ilized within 1 K. Prior to creep testing, Vickers microhardness
100 g) measurements were performed on each specimen, to verify
he homogeneity of the material. Transmission electron microscopy
TEM) observations were performed with the main purpose of mea-
uring the particle volume fraction in the H-20 alloy. A Tecnai ST
20 (FEI) microscope was employed. Observed specimen thickness
as determined on an across-the-thickness single grain, using a

onvergent-beam electron diffraction pattern under a two-beam
ondition with the g = (2 2 2) reflection excited. Crystal thickness
as measured based on the extinction lines present within the

2 2 2) diffraction disc, using the lineal regression method described
y Williams and Carter [13]. As particles where spherical, their
olume was determined from particle radius measurements.

. Results

.1. Initial materials

The characterization and microstructural description of the
-20 alloy used in the present creep tests has been reported else-
here [9]. Briefly, the material exhibited a stable microstructure
ith nanodispersoids homogeneously distributed both at the grain

oundaries and within the grains. TEM observations showed that
hese dispersoids were very efficient in retaining the grain size
btained after hot-extrusion consolidation. The dispersoids were
dentified mainly as Al2O3 and Ti–Al–Fe particles. Material obser-
ations after annealing at 1123 K for 1 h, and after compression test
t 1123 K, also showed the dispersoids pinning effect over disloca-
ion gliding and grain growth. The mean grain and dispersoid sizes
ere dgi = 140 nm and dpi = 6.1 nm, respectively.

Complementary TEM observations were performed as part of
his paper to determine an experimental value of dispersoid volume
raction within grains. Thus, a measured fraction, fm, of 0.0265 was
btained for the H-20 alloy.

The mean interparticle spacing L was estimated using the
ollowing well known stereological relation [14], considering
p = 6.1 nm and fv = fm = 0.0265 as above indicated:

= dp

2

√
2�

3fv
(9)

Thus, a value L = 27 nm was obtained. The above microstructural
arameters are summarized in the first lines of Table 1.

On the other hand, under the assumption that all the Al and

i detected in the alloy chemical analysis [9] reacts forming Al2O3
nd TiC particles, a total volume fraction for these two dispersed
hases f0 = 0.049 is obtained. The difference between this value and

m is here associated to the precipitation of dispersoids in grain
oundaries.

r
t
b
c
[

a Values measured in as-extruded material.
b Values measured in as-extruded and tested in creep at 1123 K material.

.2. Orowan stress

The room-temperature Orowan stress for the material was
alculated using Eq. (4), the dpi and L structural parameters of
able 1, and the following values: M = 3.07 for fcc materials [15],
nd G = 42.1 GPa [16] and b = 0.256 nm for copper. The resulting �Or
alue calculated from the Rösler equation, 498 MPa, is shown in
able 1. On the other hand, the Orowan stress was also calculated
ssuming a linear contribution of the reinforcement mechanism to
he yield strength, as it were proposed by Besterci et al. [17]:

Y = �Or + �D + �0 + �HP (10)

here �Y is the measured room-temperature yield strength,
45 MPa; �D is the contribution of dislocation strengthening, which
as calculated as [17]:

D = 2˛Gb
√

� (11)

here ˛ = 0.2 is the strength coefficient of the dislocation network
17], and � is the dislocation density, which for the alloy under
tudy can be estimated as 1 × 1013 m−2 [18]. With these values, �D is
4 MPa. Moreover, �0 = 26 MPa is the Peierls-Nabarro strengthening
or Cu [19], �HP = kHPd−1/2

g is the contribution according to Hall-
etch reinforcement (for Cu, kHP = 0.16 MPa

√
m [19]. Considering

grain size of 140 nm (see Table 1), �HP = 428 MPa is obtained. With
hese values, Eq. (10) can be written as:

Y = �Or + 14 MPa + 26 MPa + 428 MPa = 745 MPa (12)

Finally, subtracting the numerical values from �Y in Eq. (12), �Or
rom the Besterci equation gives 278 MPa, as indicated in Table 1.
he values of the individual hardening contributions show that the
rain boundaries provide the largest contribution. They contribute
oughly to 60% of �Y, whereas the remainder is caused directly by
he nanoparticles through the Orowan mechanism. Similar propor-
ional values were observed by Kudashov et al. [12].

The overestimation of the Orowan stress calculated from Eq. (4)
n comparison with the value obtained from the Besterci equation
Eq. (10)), could be explained by the uncertainty in the assumptions
nd parameters used in the calculations. Moreover, dispersoids pre-
ipitated at grain boundaries would not participate in the Orowan
einforcement mechanism, diminishing the effective volume frac-

ion into the grains, and increasing the interparticle distance
etween dispersoids. Similar disagreements between the theoreti-
al and experimental values of �Or were reported by Nagorka et al.
20].
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self-diffusion in copper (QSD = 197.0 kJ/mol [16]), dislocation core
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ig. 1. Representative strain–time plots for creep at 1123 K and various applied stress
evels.

.3. Creep results

Constant-stress creep tests of the alloy under study were here
erformed at temperatures of 773, 973 and 1123 K. The material
xhibited strain versus time curves with shapes similar to those
resented in Fig. 1, which correspond to 1123 K. The applied stress
nd the resulting strain rate for the secondary creep stage of these
urves, at the temperatures considered, are shown on a log–log plot
n Fig. 2. It can be seen in that figure that, for each temperature, the
xperimental data can be described by a linear relationship.

Based on the microstructural observations presented elsewhere
9], where dispersoids observed by TEM efficiently limited the grain
rowth, the RA model of creep controlled by dislocation detach-
ent appears to be applicable to the present creep results [7]. In

rder to analyze the data according to this theory, it is necessary to
xperimentally determine values for the apparent stress exponent,
ap, and the corresponding apparent energy for creep, Qap. The val-
es for nap were directly obtained by linear regression of the log–log
lot of Fig. 2 and summarized in Table 2. These values present simi-

ar behavior to that of nap results reported by other authors for ODS
opper with different dispersoids (see Table 2). The values reported
y Frost and Ashby [16] for pure copper are also included.

It is observed that at low test temperatures (∼773 K) the values
or nap obtained in the present work and different ODS copper alloys
re higher than 20, similar to other dispersion-strengthened alloys

20]. These values typically decrease with an increase in tempera-
ure. In the case of dislocation creep, nap has values between 3 and

(4.8 for pure copper), while for diffusional creep, the apparent
tress exponent shows values between 1 and 2.

d
(
d
c

able 2
alues of nap and Qap for the present and other ODS Cu based alloys, at various temperatu

lloy (nominal vol.% of dispersoids) Test temperature (K

u – 2.5 Al2O3 – 2.5 TiC (present work) 773
973

1123
u [16] 923 – 973
u – 3 TiC [5] 773
u – 0.7 Al2O3 (GlidCop Al-15) [10] 748–773

973–998
u – 1 Y2O3 [20] 923–973
u – 1 ZrO2 [20] 923–973
u – 3 Y2O3 [12] 773–973
Fig. 2. Strain rate versus applied stress creep results.

The apparent activation energy was calculated at constant �/G
ased on the expression [10]:

ap =
(

∂ ln ε̇

∂T

)
�/G

RT2 (13)

here R corresponds to the gas constant. To use Eq. (13), the
emperature-dependent G modulus data given by Frost and Ashby
16] presented in Eq. (14) were used.

= G0

(
1 − 0.54

T − 300
TF

)
(14)

The three Qap values thus obtained are shown in Table 2, and are
igher than those reported elsewhere for pure copper under power

aw creep [16]. It is known that the energies observed in dispersion-
trengthened materials attain values that are greater than all the
ctivation energies for the various diffusion mechanisms [10].
oreover, significantly different Qap values were obtained for the

resent alloy at each of the three temperatures studied, indicating
hat different creep mechanisms were active at different tempera-
ures.

It has been shown that the microstructure of the Cu–Al–Ti
lloy, as consequence of its fabrication route, exhibits a fine grain
ize. However, the Qap energies for the alloy under study are
uch higher than the activation energies corresponding to lattice
iffusion (QDC = 147.4 kJ/mol [21]), and grain-boundary diffusion
QGB = 133.9 kJ/mol [22]). Then, from this discussion it is not evi-
ent which diffusion mechanism controls the thermally activated
reep process. Nevertheless, lattice self-diffusion, dislocation core

res

) nap Qap (kJ/mol)

31.2 357.1
14.7 572.2
6.3 770.7
4.8 197.0

>100 Not reported
21.8–19.4 257.6
10.2–10.6 248.9
7.1–8.8 530.0

10.1–12.2 486.0–535.0
22–9 Not reported
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Fig. 3. Experimental data and Rösler–Arzt model curves for each diffusion mecha-
nism: (a) Self-diffusion; (b) dislocation core; (c) grain boundaries.
iffusion and grain-boundary diffusion will be analyzed below
ithin the framework of the thermally-activated detachment
odel.

.4. Relaxation factor and dislocation-particle detachment stress

From the Rösler–Arzt equations for strain-rate control Eq. (2) [7],
he necessary stress to detach a dislocation retained by a matrix
ispersoids (�d), and the parameter representing the energy line
elaxation of a dislocation retained by a dispersoid-dislocation
nterface (k), can be derived (Eqs. (5) and (6)). Thus, the ratio
etween the applied stress and the detachment stress (�/�d) was
rst calculated for each vacancy transport mechanism, using Eq.
6); then, employing such ratios, the interaction parameters k were
alculated for each considered temperature using Eq. (5).

The Orowan stress was calculated using Eq. (4), considering a
alue of the volume fraction fv = fm, of 0.0265 (see Table 1). The
esulting k and �d values are summarized in Table 3.

As it can be seen in Table 3, the obtained k values are within
rather narrow range (0.75 < k < 0.80) around the lower limit of

he range indicated by Rösler–Arzt [7] for a variety of interaction
ntensities (0.77 < k < 1.0). Incidentally, for alumina dispersoids in
he GlidCop Al-15 alloy, Broyles et al. [10] found values close to 0.9,
hich represent a moderately strong interaction, and an interface
atrix-dispersoid partially coherent. On the other hand, Sauer et al.

5] determined values of k = 0.75 for Cu alloys with TiC dispersoids.

.5. Application of the Rösler–Arzt model to creep behavior

The k and �d values of Table 3 can be used to apply the RA
odel [7], see Eq. (2), to the creep behavior of the alloy under study.

his model considers the interaction of dislocations with fine par-
icles dispersed in the matrix as the controlling creep mechanism.
he model adjustment should indicate us whether such interaction
akes place, and the vacancy diffusion mechanism controlling the
train rate for the experimental results.

Regarding the application of Eq. (2), firstly, Dv can be calculated
s DV = D0exp(−Q/RT), with D0 being the pre-exponential value
or the pertinent diffusion mechanism, and R the gas constant. In
able 4, D0 and Q values for each vacancy diffusion mechanism are
resented. Moreover, for the dislocation density, as for the preced-

ng Orowan stress calculations, a value of � = 1 × 1013 m−2 [18] was
mployed.

The calculated curves using the RA model were drawn and com-
ared with the actual creep tests data, for each of the diffusion
echanisms considered, see Fig. 3. It is there observed that the

alculated curves do not fit properly in the case of dislocation and
rain-boundary diffusion, see Fig. 3b and c; thus, these two mecha-
isms can be discarded. Moreover, at 1123 K (Fig. 3a), the calculated
urves are again far away from the experimental results, indicating
hat for that temperature the RA model does not apply for any of
he diffusion mechanisms considered. On the other hand, as seen
n Fig. 3a, the calculated curves adequately fit the creep data at 773
nd 973 K, when bulk diffusion is considered as the main transport
echanism. This suggests that, for these temperatures, the strain-

ate controlling mechanism is dislocation pinning by dispersoids
ithin the grain, where the predominant transport mechanism of

acancies is the self-diffusion, with k close to 0.80 at both temper-
tures (detachment-controlled matrix creep).
The variations observed for nap at different temperatures is char-
cteristic for DS alloys reinforced by nanoparticles, where a region
f high apparent stress exponent is observed. Aluminum alloys
tudied by Rösler et al. [8] showed high stress-sensibility (nap > 50)
t intermediate strain rates (107 m−2ε̇/D < 1011 m−2, where D is



Table 3
Calculated parameters for the Rösler–Arzt model

Test temperature (K) nap Qap (kJ/mol) Transport mechanism

Self-diffusion Dislocation core Grain boundaries

k �d (MPa) k �d (MPa) k �d (MPa)

241
224
215
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eling nap exponents is good for 773 K (31.2 against 32.7), but rather
poor for 973 K (14.7 against 23.6). On the other hand, for 1123 K, a
proper adjustment is obtained with the RJA model, represented by
Eq. (7), with an acceptable agreement between experimental and

Table 4
Pre-exponential factors, D0, and activation energies, Q, for different diffusion mech-
773 31.2 357.1 0.80
973 14.7 572.2 0.79

1123 6.3 770.7 0.76

he self-diffusion coefficient). Based on TEM images taken after
reep deformation, Rösler et al. proposed that the rate controlling
eformation mechanism is the interaction of single dislocations
ith dispersoid particles. At high creep rates (ε̇/D > 1011 m−2)

he stress exponent decreases, which is expected because other-
ise the creep rate of the dispersion-strengthened material would

ventually exceed that of the dispersion-free matrix material at
igh stresses. Consequently, the stress exponent of the dispersion-
trengthened material may stay relatively high (n � 3–5), although
he deformation mechanism becomes “matrix-like”. Rösler et al.,
n an ODS aluminum alloy, suggested that the observed decrease
f the stress exponent values with the test temperature could be
ttributed to diffusional creep, which would be controlled by an
nterface interaction. Those authors assumed that the generation
nd annihilation of vacancies requires the slip of “grain-boundary”
islocations, which have to overcome dispersoids situated at the
rain boundaries. The application of the “new” model (RJA model),
epresented by Eq. (7), to the present creep results is shown in Fig. 4,
here the calculated lines and the experimental creep data points

re presented.
Fig. 4 presents a good agreement between the model of Eq.

7) with the creep results at 1123 K, using a grain-boundary dis-
ocation density, �bg, of 10−5�/2Gb [8], and a bbg value of 0.55b.
n this case, a dispersoid volume fraction of 0.265, fm, and 0.225,
0 − fm, within grains and at grain boundaries were used, respec-
ively. Dispersoid diameters of 6.8 nm, dpf, corresponding to a mean
nterparticle spacing L of 31 nm, and a grain-boundary diameter of
56 nm, were also used (see Table 1). The selection of these values is
ustified by the microstructural observations of the material creep

ested at 1123 K, where a light increase of the grain-boundary size
nd dispersoid diameter was observed [9]. The effective diffusion
oefficient proposed by Kudashov et al. was used (Deff in Eq. (8)),
ith a grain-boundary thickness (t) of 1 nm.

ig. 4. Application of Eq. (7) from Rösler–Joos–Arzt model to the present creep
esults.

a

D

S
D
G

F

0.79 246 0.79 247
0.77 229 0.77 231
0.75 220 0.75 221

For the application of Eq. (7), the k factor is manipulated as a
ree parameter, different to the k values used in the calculations of
he first model. For the adjustment at 1123 K this factor was esti-

ated as k = 0.75, which is closer to the value presented in Table 3
or grain-boundary transport mechanism. Following the same pro-
edure just described, it is possible to properly fit model curves to
he experimental results for 773 and 973 K. However, this gives rise
o k values of 0.50 and 0.55, respectively, which are significatively
elow the lower limit of 0.77 established by Rösler et al. in their
riginal model [7].

. Discussion

The experimental creep results presented in this work for a cop-
er DS alloy, together with the microstructural evidence previously
eported [9], suggest that the acting creep controlling mechanisms
an be related to the interaction between dislocations and disper-
oids, according to RA and RJA models. The adjustment of the RA
odel, represented by Eq. (2), shows that the best fit for the results

t 773 and 973 K (Fig. 5) corresponds to a transport mechanism of
elf-diffusion. The agreement between the experimental and mod-
nisms, as reported in literature

iffusion mechanism D0 (m2/s) Qactivation (kJ/mol)

elf-diffusion [23] 2.0 × 10−4 197.0
islocations [23] 2.4 × 10−7 147.4
rain boundaries [16] 2.5 × 10−5 133.9

ig. 5. Comparison between Rösler models and our experimental creep tests values.



Table 5
Creep control mechanisms in dispersion-strengthened Cu-based alloys as reported in this paper and in literature

Alloy (nominal vol.% of dispersoids) Test temperature (K) Creep control mechanism

Cu – 2.5 Al2O3 – 2.5 TiC (present work)
773 Detachment controlled matrix creep
973 Detachment controlled matrix creep, possible mixed mechanism

1123 Detachment controlled diffusional creep

Cu – 0.7 Al2O3 (GlidCop Al-15) [10]
748 – 773 Detachment controlled matrix creep, possible mixed

mechanism973 – 998
Cu – 3 TiC [5] 773 Detachment controlled dislocation (matrix) creep
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[
[18] G.J. Lloyd, J.W. Martin, Mater. Sci. Eng. 46 (1980) 1–13.
u – 1 Y2O3 [20] 923 – 973
u – 1 ZrO2 [20] 923 – 973
u – 3 Y2O3 [12] 773 – 973

odeling nap parameters (6.3 against 6.9). Thus, for 773 and 1123 K
he creep-rate control can be associated to dislocation detachment
rom particles, within the matrix (matrix creep) and within grain
oundaries (diffusional creep), respectively. Additionally, for 973 K,
mixed strain rate control, in terms of interactions both within the
atrix and grain boundaries, is possible, a behavior which has been

reviously reported for other alloys [10,12,20].
The values obtained for the relaxation factor, k, are in the 0.75-

.80 range, which represents a high relaxation energy associated to
he dislocation detachment from the nanometric dispersoids and,
ccordingly, a high resistance to such detachment. As temperature
ncreases, the values of the nap exponents decrease. In all cases,
hese values are clearly above those corresponding to pure copper
nd follow the tendency observed in other DS alloys (see Table 2).

Creep-rate controlling mechanism informed by other authors
or various dispersion-strengthened Cu-based alloys, deduced
nder the frame of the RA and RJA models, as well as the results of
his paper, are presented in Table 5. This summary shows that in the
onsidered creep results, high k values, corresponding to a strong
article-dislocation interaction, were obtained. On the other hand,
hen the present creep results are compared with those of other
S alloys for the same type of dispersoids (Cu – 0.7vol.% Al2O3 [10]
nd Cu – 3 vol.% TiC [5]), it is verified that a detachment-controlled
atrix creep has been consistently determined at 773 K. A possible
ixed mechanism is also proposed by Broyles et al. for the Cu –

.7 vol.% Al2O3 creep results near 973 K.
In our TEM characterization of the Cu–Ti–Al alloy, evidence

f the presence of nanometric particles in grain boundaries was
resented; more recently, we verified that they correspond to
iC particles. Besides, the RJA model assumes the attachment of
rain-boundary dislocations on particles located at grain bound-
ries. According to our best knowledge, no observations have been
eported on direct support of that assumption. It should be noted
hat a TEM verification of such particle-dislocation interaction is
omewhat hard due to the specific characteristics of the object
o be observed, especially in the case of high-angle boundaries.
he grain-boundary dislocation detachment is suggested by the
vidence of particles in grain boundaries and the good adjust-
ent of the RA and RJA models with experimental creep results

12,20].
The use of an effective diffusion coefficient, Deff (see Eq. (8)), as

modification of the original RJA model proposed by Kudashov et
l. [12] permitted us to obtain a better fit with the creep results at
123 K. With such modification, different possible transport mech-
nisms that may act at high temperature can be considered.

Finally, the high stability presented by the nanometric disper-
oids formed in the Cu–Ti–Al alloy [9], in a range of normalized

emperatures between 0.6 and 0.85 T/TM (TM = melting temperature
f Cu), suggests the applicability of this material in high-
emperature applications, when elevated mechanical resistance
nd good electrical conductivity are important.

[
[
[
[
[

Detachment controlled diffusional creep at low stress.
Detachment controlled matrix creep at high stress
Detachment controlled diffusional creep

. Conclusions

The present Cu–Ti–Al alloy exhibited, under creep tests per-
ormed at 773, 973 and 1123 K, high values of the apparent stress
xponent (nap(exp) = 31, 15 and 6, respectively), as typical for
ispersion-strengthened alloys.

The application of the RA and RJA models to the Cu–Al–Ti creep
esults, leads to conclude that at 773 and 1123, creep is controlled
y dislocation/particle interactions taking place in the matrix and
n grain boundaries, respectively, while at the intermediate temper-
ture of 973 K, controlling dislocation/particle interactions would
ccur both in the matrix and in grain boundaries. For all tempera-
ures, the obtained values for the relaxation factor are in the range
.75–0.80, corresponding to a high resistance of dislocation detach-
ent from particles.
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